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A B S T R A C T

The relative phase stability of fcc and bcc Cr–Fe–Mn–Ni alloys has been investigated using a combination of
density functional theory, cluster expansion (CE), and Monte Carlo (MC) simulations. The MC simulations for
fcc and bcc Cr–Fe–Mn–Ni alloys performed using the CE models enabled computing the Gibbs free energies
of formation of 1767 fcc and bcc alloys in the whole range of compositions of each element and analyzed
as a function of temperature. In order to determine regions of stability of single fcc/bcc structures and
atomic fractions of these phases in two-phase regions, we constructed the thermodynamic databases (TDBs)
derived from MC simulations with their application in the OpenCalphad calculations. The results obtained
using this approach are in qualitative agreement with the available experimental data from the literature and
the experiments performed within this work for the samples of [CrFeMn]100−𝑥Ni𝑥 (𝑥 = 20, 25 and 35 at.%)
alloys synthesized using arc-melting and annealed at 1273 K for 48 h. The analysis of fcc fractions of the
near-equiatomic alloy compositions has enabled the identification of the alloys that are predicted to be single
fcc phase for a wide range of temperatures.
1. Introduction

High entropy alloys (HEAs) are the new class of materials containing
four or more components in equal or near-equal atomic percent. They
have been discovered by Cantor et al. [1] and Yeh et al. [2] in the
year 2004 and have been found to possess unique microstructure and
properties such as high strength and excellent wear, corrosion and irra-
diation resistance [2–6]. For example, the yield strength and hardness
of HEAs may exceed 2000 MPa [7,8] and 800 HV [9], respectively
being significantly larger than in the traditional alloys.

Due to the fact that irradiation has a less detrimental effect on the
properties of some HEAs in comparison with pure metals as well as
conventional alloys [10–13], HEAs are considered potential candidates
for applications in structural components of future fusion power plants
and fission reactors of the next generation (Generation IV). In Ref. [12]
it was reported that the swelling resistance of fcc Fe–Cr–Co–Mn–Ni
alloy, also called Cantor alloy, under irradiation is 40 times higher than
that of fcc Ni. TEM analysis showed that irradiation-induced voids in
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5-component fcc HEA are significantly smaller than in pure Ni and FeNi
alloy.

Unfortunately, the application of Cantor alloy in fission and fusion
power plants is restricted due to the presence of cobalt, which activates
under irradiation. This motivated design and development of Co-free
fcc HEA for nuclear applications, one of them being Cr–Fe–Mn–Ni. As
it was shown in Ref. [10], the radiation-induced segregation in this
HEA is much suppressed as compared with the Fe–Cr–Ni and Fe–Cr–
Mn austenitic alloys. However, choosing optimal compositions of Fe,
Cr, Mn and Ni is not straightforward. Since Cr is a bcc stabilizer, Ni is
an fcc stabilizer, the ground state of Mn is the complex alpha structure,
and Fe can possess either the bcc or fcc structure depending on the
temperature, it is difficult to predict the region of stability of fcc alloys
in Cr–Fe–Mn–Ni system. Moreover, as it was presented in our previous
work [14], the formation of intermetallic phases might take place in a
wide range of compositions at lower temperatures, i.e. below ∼1200 K
in the near-equiatomic region.
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The experimental studies on HEA Cr–Fe–Mn–Ni alloys [10,15–
27] showed the complexity of the respective phase diagrams. The
equiatomic alloy decomposes into the fcc and bcc phases [18,19,24,26].
A similar decomposition was also observed in Cr𝑥FeMnNi (𝑥 = 0.8,
1.0, 1.2, 1.5) [26] whereas in Cr24Fe40Mn28Ni8 alloy [23] presence
of sigma (𝜎) phase was reported. A few compositions characterized
by single fcc-phase alloys, including Cr18Fe28Mn26Ni28, were indicated
in [10,15,17,20–23,25–27]. Single fcc phase Cr18Fe28Mn26Ni28 alloy
was investigated by scientists from Oak Ridge National Laboratory
(ORNL) that exhibited excellent radiation-resistant properties [10]. The
single fcc phase for the ORNL alloy was confirmed in Refs. [20,25].
The presence of Cr-rich bcc precipitates in the alloy with the same
composition as the ORNL, both in the sample annealed at 1173 K and in
the ion irradiated sample, was reported in Ref. [16]. The decomposition
under ion irradiation was also observed for the alloy with similar
composition, Cr18Fe29Mn23Ni30 with MnNi precipitates formed.

Phase stability of Cr–Fe–Mn–Ni was investigated theoretically using
the DFT-based MC simulations [14], MD simulations [28] and CAL-
PHAD method [15,21,27]. In order to investigate chemical ordering
and the formation of ordered intermetallic phases in fcc Cr–Fe–Mn–Ni
alloys, we developed in our previous work [14] a model combining
the density functional theory (DFT) and cluster expansion (CE) method
with Monte Carlo (MC) simulations.

The MC simulations performed using the CE model have shown,
among others, that for a wide range of compositions of Cr–Fe–Mn–
Ni alloys, there is a strong tendency to form the ordered intermetallic
L10 MnNi phase. We found that this phase is expected to be present
also in ORNL alloy. This agrees well with the fact that this phase
was found experimentally in an irradiated alloy with a composition
similar to the ORNL [17]. In the previous paper, we also demon-
strated that the stability of solid solutions could be increased by a
decrease in the concentration of Ni in comparison with the equiatomic
composition [14].

Enthalpies of mixing of the fcc alloys in the Cr–Fe–Mn–Ni system
and its subsystems were provided in [28] using the interatomic po-
tential developed with the embedded atomic method. Minimum and
maximum values for the cohesive energy difference between the fcc
and bcc phases were also reported. However, the regions of stability of
fcc and bcc alloys have not been studied.

CALPHAD method was applied to investigate the phase stability as a
function of temperature for some compositions in [15,21,27,29,30]. In
Ref. [21], phase diagrams for all ternary subsystems and iso-chromium
section of the Cr–Fe–Mn–Ni at a constant content of 20 at. % Cr at
1373 K have been reported.

In general, the CALPHAD method is very useful for the prediction of
phase stability of alloys, however, due to a limited number of thermo-
dynamic data for alloys within the Cr–Fe–Mn–Ni system, the databases
applied in the CALPHAD method for HEA compositions are not readily
available. To overcome this issue, a thermodynamic database may be
developed from first principles.

In this work, in order to investigate the stability of fcc and bcc
structures, we have developed the DFT-based CE model for the bcc
Cr–Fe–Mn–Ni system. One of our goals was to compare the results of
MC simulations for bcc alloys with those presented in Ref. [14] for fcc
alloys. The regions of stability of fcc and bcc phases and the coexistence
of both phases as well as their fractions in Cr–Fe–Mn–Ni alloys have
been investigated using the method, where in order to take advantage
of CALPHAD, we have developed thermodynamic databases for the Cr–
Fe–Mn–Ni system derived from MC simulations, and we have used them
in the OpenCalphad calculations [31].

This paper is structured as follows. A section on methodology
(Section 2) presents a short overview of the constructed models (Sec-
tion 2.1) and the methodology we used to calculate the phase composi-
tion using models for fcc and bcc lattices (Section 2.2), as well as com-
putational details (Section 2.3) and experimental methods (Section 2.4)
2

used in this work.
Phase stability at 0 K, as obtained from DFT calculations, is de-
scribed in Section 3. Finite-temperature phase stability, as obtained
from OpenCalphad calculations using TDBs fitted on DFT-based MC
simulations, is presented in Section 4, where we first analyze the
difference between Gibbs free energies of formation for fcc and bcc
lattices (Section 4.1), then we find a region of coexistence of fcc and
bcc and quantify it (Section 4.2), and finally illustrate the effect of each
element on the relative phase stability (Section 4.3).

Validation of our model is presented in Section 5, in which our
theoretical results are compared with data available from the literature
(Section 5.1), and with our experimental results (Section 5.2). Lastly,
we present in Section 6 a number of near-equiatomic compositions that
are potentially single fcc phases. Conclusions are given in Section 7.

2. Methodology

2.1. DFT-based Cluster Expansion method and Monte Carlo simulations for
multicomponent systems

A detailed description of the methodology can be found in the
previous works of the authors [14,32–34] and in the references therein.
This work builds upon Ref. [14] on fcc Cr–Fe–Mn–Ni, adding into
consideration a model for bcc Cr–Fe–Mn–Ni and subsequently studying
the relative stability of Cr–Fe–Mn–Ni alloys with those lattices.

First, we calculate the mixing enthalpies, 𝐻𝑚𝑖𝑥, of a set of structures
that comprises the whole composition range of the investigated system,
where each structure is described by a set of configuration variables 𝜎⃗:

𝐻𝐷𝐹𝑇
𝑚𝑖𝑥 (𝜎⃗) = 𝐸𝑙𝑎𝑡

𝑡𝑜𝑡 (𝜎⃗) −
𝐾
∑

𝑝=1
𝑐𝑝𝐸

𝑙𝑎𝑡
𝑡𝑜𝑡 (𝑝), (1)

where 𝐾 is the number of alloy components and 𝑐𝑝 are the average con-
centrations of 𝑝’th alloy component. In this work, we calculated mixing
enthalpies from the Density Functional Theory (DFT) calculations with
full relaxation and including collinear magnetism.

Then, we map the calculated 𝐻𝐷𝐹𝑇
𝑚𝑖𝑥 to the simple-lattice-based

Cluster Expansion model, where 𝐻𝐶𝐸
𝑚𝑖𝑥 are calculated as follows:

𝐻𝐶𝐸
𝑚𝑖𝑥 (𝜎⃗) =

∑

𝜔,𝑛,𝑠
𝐽 (𝑠)
𝜔,𝑛𝑚

(𝑠)
𝜔,𝑛⟨𝛤

(𝑠′)
𝜔′ ,𝑛′ (𝜎⃗)⟩𝜔,𝑛,𝑠, (2)

where the summation is performed over all the clusters, distinct under
symmetry operations in the studied lattice, represented by the following
parameters: 𝜔 and 𝑛 are the cluster size (the number of lattice points
in the cluster) and its label (related to maximal distance between
two atoms in the cluster), respectively; (𝑠) is the decoration of cluster
by point function 𝛾𝑗,𝐾 (𝜎𝑖); 𝑚(𝑠)

𝜔,𝑛 denotes the site multiplicity of the
decorated clusters (in per-lattice-site units); and 𝐽 (𝑠)

𝜔,𝑛 represents the
Effective Cluster Interaction (ECI) energy corresponding to the same
(𝑠) decorated cluster.

⟨𝛤 (𝑠′)
𝜔′ ,𝑛′ (𝜎⃗)⟩𝜔,𝑛,𝑠 are the cluster functions, averaged over all the clus-

ters of size 𝜔′ and label 𝑛′ decorated by the sequence of point func-
tions (𝑠′) that are equivalent by the symmetry to the cluster 𝜔, 𝑛 and
decorated by the same sequence of point functions (𝑠). Later in the
text, ⟨𝛤 (𝑠′)

𝜔′ ,𝑛′ (𝜎⃗)⟩𝜔,𝑛,𝑠 is referred to as ⟨𝛤 (𝑠)
𝜔,𝑛(𝜎⃗)⟩ for ease of notation. In

Monte Carlo formalism, cluster functions are also averaged over all MC
steps at a chosen temperature, which controls the accuracy and the
computational costs of the calculations.

The definition of point functions in this work is the same as in
Ref. [35] and as following:

𝛾𝑗,𝐾 (𝜎𝑖) =

⎧

⎪

⎪

⎨

⎪

⎪

⎩

1 if 𝑗 = 0 ,

−cos
(

2𝜋⌈ 𝑗
2 ⌉

𝜎𝑖
𝐾

)

if 𝑗 > 0 and odd,

− sin
(

2𝜋⌈ 𝑗
2 ⌉

𝜎𝑖
𝐾

)

if 𝑗 > 0 and even,
(3)

where 𝑖 = 0, 1, 2,…(𝐾 − 1), 𝑗 is the index of point functions 𝑗 =
0, 1, 2,…(𝐾 − 1) and ⌈

𝑗
2 ⌉ stands for the ceiling function – rounding up

to the closest integer.
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𝐻

𝐶

w

The cluster function is then defined as the product of orthonormal
point functions of occupation variables [36] 𝛾𝑗,𝐾 (𝜎𝑖), on specific cluster
described by 𝜔 and 𝑛:

𝛤 (𝑠)
𝜔,𝑛(𝜔⃗) = 𝛾𝑗1𝐾 (𝜎1)𝛾𝑗2𝐾 (𝜎2)⋯ 𝛾𝑗𝜔𝐾 (𝜎𝜔). (4)

Using the Structure Inversion Method, the optimal values of ECIs
are found that minimize the Cross-Validation Score between 𝐻𝐷𝐹𝑇

𝑚𝑖𝑥 and
𝐶𝐸
𝑚𝑖𝑥 :

𝑉 𝑆2 = 1
𝑁

𝑁
∑

𝑖=1
(𝐸𝑖

𝐷𝐹𝑇 − 𝐸(𝑖)
𝐶𝐸′ )2, (5)

where 𝐸(𝑖)
𝐶𝐸′ is the energy of the 𝑖th structure, predicted by fitting CE

energies to DFT energies, excluding 𝐸𝑖
𝐷𝐹𝑇 of the 𝑖th structure.

ECIs are used to parameterize Monte Carlo simulations, enabling us
to calculate Gibbs free energy of formation at finite temperatures.

Since we are interested in comparing the phase stability of two
different lattices, we cannot compare 𝐻𝑚𝑖𝑥, which is calculated with
respect to different ground states for each lattice. Instead, we need
to compare the formation enthalpies, 𝐻𝑓𝑜𝑟𝑚, which can be calculated
similarly to Eq. (1), but with respect to the global ground states (GS)
of each element:

𝐻𝐷𝐹𝑇
𝑓𝑜𝑟𝑚 (𝜎⃗) = 𝐸𝑙𝑎𝑡

𝑡𝑜𝑡 (𝜎⃗) −
𝐾
∑

𝑝=1
𝑐𝑝𝐸

𝐺𝑆
𝑡𝑜𝑡 (𝑝), (6)

where 𝐾 is the number of alloy components and 𝑐𝑝 are the average
concentrations of 𝑝’th alloy component.

In the present study within the Cluster Expansion framework, 𝐻𝑓𝑜𝑟𝑚
for fcc and bcc alloys can be obtained from 𝐻𝑚𝑖𝑥 by including the
correction coming from each element:

𝐻𝐶𝐸
𝑓𝑜𝑟𝑚(𝜎⃗) = 𝐻𝐶𝐸,𝑙𝑎𝑡

𝑚𝑖𝑥 +
𝐾
∑

𝑝=1
𝑐𝑝

(

𝐸𝑙𝑎𝑡
𝑡𝑜𝑡 (𝑝) − 𝐸𝐺𝑆

𝑡𝑜𝑡 (𝑝)
)

, (7)

where 𝐻𝐶𝐸,𝑙𝑎𝑡
𝑚𝑖𝑥 is calculated for each lattice using Eq. (2); 𝐸𝑙𝑎𝑡

𝑡𝑜𝑡 (𝑝) and
𝐸𝐺𝑆
𝑡𝑜𝑡 (𝑝) are the reference energies of 𝑝’th element in chosen lattice and

𝑝’th element in a true GS, respectively, calculated using DFT; 𝐾 is the
number of alloy components and 𝑐𝑝 are the average concentrations of
𝑝’th alloy component.

At finite temperatures, entropy plays an important role in the
stability of alloys. In this paper, we focus mainly on configurational
entropy as the strongest entropic contribution to the Gibbs free energy
of formation [36,37].

With formation enthalpies and configurational entropies considered,
the Gibbs free energy of formation, 𝐺𝑓𝑜𝑟𝑚, can be calculated by applying
MC simulations using the CE models for each lattice:

𝐺𝐶𝐸,𝑙𝑎𝑡
𝑓𝑜𝑟𝑚 (𝜎⃗, 𝑇 ) = 𝐻𝐶𝐸,𝑙𝑎𝑡

𝑓𝑜𝑟𝑚 (𝜎⃗, 𝑇 ) − 𝑇𝑆𝑙𝑎𝑡
𝑐𝑜𝑛𝑓 (𝜎⃗, 𝑇 ), (8)

which is used to estimate the relative phase stability at finite tempera-
tures.

The most exact way to calculate configurational entropy during
Monte Carlo simulations based on Cluster Expansion’s ECI is by using
the thermodynamic integration (TDI) method [32,38,39]. Within TDI,
configurational entropy is calculated as follows:

𝑆𝑇𝐷𝐼,𝑙𝑎𝑡
𝑐𝑜𝑛𝑓 (𝜎⃗, 𝑇 ) = ∫

𝑇

0

𝐶 𝑙𝑎𝑡
𝑐𝑜𝑛𝑓 (𝜎⃗, 𝑇

′)

𝑇 ′ 𝑑𝑇 ′, (9)

where 𝐶 𝑙𝑎𝑡
𝑐𝑜𝑛𝑓 (𝜎⃗, 𝑇

′) is the configurational contribution to the specific
heat, which is related to the fluctuations of the mixing enthalpy in MC
simulations at each temperature 𝑇 ′:

𝐶 𝑙𝑎𝑡
𝑐𝑜𝑛𝑓 (𝜎⃗, 𝑇 ) =

⟨𝐻2
𝑚𝑖𝑥(𝜎⃗, 𝑇 )⟩ − ⟨𝐻𝑚𝑖𝑥(𝜎⃗, 𝑇 )⟩2

𝑇 2
, (10)

here ⟨𝐻𝑚𝑖𝑥(𝜎⃗, 𝑇 )⟩ and ⟨𝐻𝑚𝑖𝑥(𝜎⃗, 𝑇 )⟩2 are the mean and mean squared
enthalpies of mixing, respectively, meaning that the numerator de-
scribes the variance of 𝐻 (𝑇 ).
3

𝑚𝑖𝑥
Formulation of configurational entropy using TDI is sound and
should produce, in theory, the most exact values of 𝑆𝑙𝑎𝑡

𝑐𝑜𝑛𝑓 (𝜎⃗, 𝑇 ). In
reality, it is sensitive to the number of MC steps in the accumulation
stage at each temperature, which affects the variance of 𝐻𝑚𝑖𝑥(𝑇 ), and
the temperature step of the simulations, which affects the integration in
Eq. (9). The transitions related to the atomic ordering in the alloy affect
configurational entropy in the TDI method since they result in the di-
verged values of 𝐶 𝑙𝑎𝑡

𝑐𝑜𝑛𝑓 (𝜎⃗, 𝑇
′) in the form of sharp narrow peaks [32,34].

Integrating over those peaks using Eq. (9) results in the discontinuous
shape of the entropy curve 𝑆𝑙𝑎𝑡

𝑐𝑜𝑛𝑓 (𝜎⃗, 𝑇 ) and the value of the jump may be
subject to error due to the inaccuracy of the integration, as discussed in
Ref. [34]. Consequently, the configurational entropy values computed
using TDI at the high-temperature limit may deviate from the ideal
entropy. Additionally to this issue, in view of the aim of the current
work, the TDI method is unreasonably time-consuming, and as such,
an approximation for configurational entropy is required. One such
approximation that only requires the final configuration of MC simu-
lations and, as such, can be applied for arbitrarily large temperature
steps is the Bethe–Guggenheim quasichemical approximation [40,41].
Within this approximation, entropy can be expressed through concen-
trations 𝑐𝑖 of the elements and pair probability functions of first nearest
neighbors (1NN), 𝑦𝑖𝑗2,1(𝜎⃗, 𝑇 ).

For the fcc system, it is expressed as follows:

𝑆1𝑁𝑁,𝑓𝑐𝑐
𝑐𝑜𝑛𝑓 (𝜎⃗, 𝑇 ) = 11

∑

𝑖
𝑐𝑖 ln 𝑐𝑖 − 6

∑

𝑖𝑗
𝑦𝑖𝑗2,1 ln 𝑦

𝑖𝑗
2,1, (11)

which has been used in Ref. [14].
For the bcc system, it is expressed as:

𝑆1𝑁𝑁,𝑏𝑐𝑐
𝑐𝑜𝑛𝑓 (𝜎⃗, 𝑇 ) = 7

∑

𝑖
𝑐𝑖 ln 𝑐𝑖 − 4

∑

𝑖𝑗
𝑦𝑖𝑗2,1 ln 𝑦

𝑖𝑗
2,1, (12)

which has been applied in Ref. [33].
This method reproduces the values of ideal configurational entropy

in the high-temperature limit but can underestimate entropy below
order–disorder transition temperatures and can even yield negative
values of entropy at low temperatures. This issue is discussed more in
Section 4.1.

Finally, it should be stressed once again that in this work, we
focus mainly on the configurational entropy since its contribution to
the Gibbs free energy of formation and its influence on the stability
of alloys is notably bigger in comparison with the contributions of
vibrational, electronic and magnetic entropies of mixing, as it was
discussed in Refs. [14,37]. The magnetic and vibrational contributions
to 𝐺𝑓𝑜𝑟𝑚 are taken into account in the form of correction coming
from Fe, for which the magnetic and vibrational effects are the most
significant. We applied the correction to the fcc-bcc 𝐺𝑓𝑜𝑟𝑚 difference
from Ref. [42], which stabilizes the fcc phase of Fe over the bcc
phase in the temperature range between 1315 K and 1795 K and
enables to reproduce the high-temperature 𝛾-loop in Fe. Importantly,
the correction was derived in Ref. [42] from MC simulations using the
magnetic CE model based on DFT calculations, which means that it is
consistent with the DFT-based models applied in this work. In Ref. [32],
the correction was extended into the Cr–Fe–Ni system, assuming that
it is proportional to the concentration of Fe in the considered alloy. In
a similar way, it is applied in this work for Cr–Fe–Mn–Ni alloys.

2.2. Phase composition for multicomponent systems

The investigation of phase composition based on the Gibbs free
energies of formation of alloys from MC simulations is quite straight-
forward in the case of binary alloys. First of all, in the case of a
two-phase mixture, it is possible to predict which phase is more stable
by analyzing curves of Gibbs free energies of formation for both phases.
Moreover, the regions of stability of phase 1 and phase 2, as well
as the region of coexistence of both phases, are determined by the
equality of the chemical potential for each phase, which is derived by
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an application of the common tangent construction procedure. Then,
by using the subsequent lever rule calculation, it is possible to compute
the fractions of the considered phases as functions of concentration. In
the case of multicomponent fcc and bcc Cr–Fe–Mn–Ni alloys, the phase
composition is also determined by the equality of the chemical poten-
tial of fcc and bcc phases. However, the calculation of fractions of both
phases in a 4-dimensional composition space cannot be achieved by
the application of one common tangent. A well-established CALPHAD
method [43] provides algorithms for calculating multi-component equi-
libria [44] necessary for assessing the corresponding phase fractions.
In this work, we developed our own thermodynamic databases derived
from our MC simulations and applied the CALPHAD method to compute
phase fractions in a multi-component multi-phase Cr–Fe–Mn–Ni system.

2.2.1. Development of thermodynamic databases based on MC simulations
and OpenCalphad calculations

The CALPHAD method is implemented in various licensed and free
software such as Thermo-Calc [45], Pandat [46], OpenCalphad [31],
etc. The input on which such software operates is a thermodynamic
database that has an analytical description of partial Gibbs free energies
for all elements and phases present in the investigated system, put
together in one thermodynamic database (TDB) file. The analytical
equations for Gibbs free energy of formation have the following general
form [43]:

𝐺𝑓𝑜𝑟𝑚 = 𝐺𝑟𝑒𝑓 + 𝐺𝑖𝑑𝑒𝑎𝑙 + 𝐺𝑥𝑠, (13)

here 𝐺𝑟𝑒𝑓 is the reference energy of the elements present in the alloy,
𝑖𝑑𝑒𝑎𝑙 = −𝑇𝑆𝑖𝑑𝑒𝑎𝑙 is the contribution from the ideal configurational
ntropy of mixing, and 𝐺𝑥𝑠 is the excess Gibbs free energy of formation
ue to non-ideal interaction between the components of the alloy.

Such analytical equations for partial Gibbs free energies are usually
itted based on existing data from experiments or calculations. Since
ur goal is to predict the stability of a single fcc phase from first
rinciples, instead of utilizing existing hybrid databases, based on both
xperimental and theoretical data, we decided to create TDB based
nly on the results of MC simulations obtained using the DFT-based CE
odels for fcc and bcc Cr–Fe–Mn–Ni alloys, described in Section 2.1.

In order to include configurational entropy coming from pair in-
eractions, it should be included in the excess term. In such a case,
lso taking into account that the output of the MC simulations is the
ormation enthalpy (𝐻𝑀𝐶,𝑙𝑎𝑡

𝑓𝑜𝑟𝑚 ), the 𝐺𝑥𝑠 from our MC simulations, which
ill be used for fitting, can be written as follows:
𝑀𝐶,𝑙𝑎𝑡
𝑥𝑠 (𝜎⃗, 𝑇 ) = 𝐻𝑀𝐶,𝑙𝑎𝑡

𝑓𝑜𝑟𝑚 (𝜎⃗, 𝑇 ) − 𝐺𝑀𝐶
𝑟𝑒𝑓 − 𝑇 (𝑆𝑙𝑎𝑡

𝑐𝑜𝑛𝑓 − 𝑆𝑖𝑑𝑒𝑎𝑙). (14)

In this work, TDBs for fcc and bcc Cr–Fe–Mn–Ni alloys are devel-
oped by using a sqs2tdb tool [47] provided in the ATAT software
package. The sqs2tdb code is originally designed to fit excess Gibbs
free energies of formation, 𝐺𝑥𝑠, based on the DFT calculations for
special quasi-random structures (SQSs). However, in principle, it can
also be used for fitting the results of MC simulations, assuming that
the available polynomial terms can correctly reproduce the energy
landscape obtained from MC simulations. Fitting of the excess Gibbs
free energies of formation is performed using Legendre’s polynomials
of second order. The contribution of non-ideal binary interactions to
𝐺𝑓𝑜𝑟𝑚 is described using second-order polynomials:

𝐺𝑏𝑖𝑛𝑎𝑟𝑦
𝑥𝑠 =

𝐿
∑

𝑙=0
𝐺𝐴𝐵;𝑙𝑋𝐴𝑋𝐵(𝑋𝐵 −𝑋𝐴)𝑙 , (15)

and the contribution of ternary interactions is described using the
third-order polynomial:

𝐺𝑡𝑒𝑟𝑛𝑎𝑟𝑦
𝑥𝑠 = 𝐺𝐴𝐵𝐶𝑋𝐴𝑋𝐵𝑋𝐶 (𝑉𝐴𝑋𝐴 + 𝑉𝐵𝑋𝐵 + 𝑉𝐶𝑋𝐶 ), (16)

where 𝑉𝑖 = 𝑋𝑖 + (1 − 𝑋𝐴 − 𝑋𝐵 − 𝑋𝐶 )∕3, and 𝑋𝐴, 𝑋𝐵 and 𝑋𝐶 are the
concentrations of considered elements A, B and C, respectively. In the
final version of TDB for fcc and bcc Cr–Fe–Mn–Ni alloys, the series of
4

T

binary interactions are truncated at three polynomial terms (𝐿 = 3
in Eq. (15)) since such fitting produced a least RMS error. sqs2tdb
fitting has been attempted including quaternary interactions (𝐺𝐴𝐵𝐶𝐷),
however, the fitted models consistently produced 𝐺𝐴𝐵𝐶𝐷 = 0 for
quaternary interactions, meaning that they would not be contributing
to the description of the Gibbs free energies of the phases. As such,
quaternary interactions are not present in the final TDB. Due to its
original intent, sqs2tdb can only fit energies at one temperature.
The energy landscape, however, changes with temperature, and cannot
be represented by only one set of polynomials. In the intended use-
case of sqs2tdb, the temperature dependency of 𝐺𝑓𝑜𝑟𝑚 is contained
in the 𝐺𝑟𝑒𝑓 supplied from the existing databases, such as SGTE [48],
which contradicts our desire of developing the TDB from the first
principles. Therefore, we create a number of TDBs for all temperatures
investigated using MC simulations and calculate phase equilibria using
OpenCalphad code [31] at each temperature using respective TDBs.
Thermodynamic databases developed within this work are available on
request.

Finally, it has to be stressed once again that our work aims to predict
the phase stability of fcc and bcc Cr–Fe–Mn–Ni alloys from the first
principles. Thus, the data from the SGTE database [48] has not been
used in our model. In particular, in order to be consistent with the
DFT results, instead of empirical magnetic models used in the SGTE
database, we have applied the magnetic and vibrational correction to
the fcc-bcc 𝐺𝑓𝑜𝑟𝑚 difference for pure Fe from Ref. [42], which was
derived from MC simulations using the DFT-based magnetic CE model.
As described in Section 2.1, the value of correction is proportional to
the concentration of Fe in the considered alloy.

2.3. Computational details

The ready model for fcc Cr–Fe–Mn–Ni has been taken from Ref. [14],
and the model for bcc has been created in a similar way as described
therein, and in Refs. [32,33,49].

DFT calculations with collinear spin-polarization were performed
using the projector augmented wave (PAW) method implemented in
VASP [50–55]. Exchange and correlation were treated in the gen-
eralized gradient approximation GGA-PBE [56]. The electron config-
urations of Fe, Cr, Mn and Ni in PAW potentials were [Ar]3𝑑74𝑠1,
[Ar]3𝑑54𝑠1, [Ar]3𝑑64𝑠1 and [Ar]3𝑑94𝑠1, respectively.

Total energies were calculated using the Monkhorst–Pack mesh [57]
f k-points in the Brillouin zone, with the k-mesh spacing of 0.2 Å−1.
his corresponds to 12 × 12 × 12 k-point mesh for a four-atom fcc con-
entional unit cell or 14 × 14 × 14 k-point mesh for a bcc conventional
nit cell. The plane wave cut-off energy used in the calculations was
00 eV. The total energy convergence criterion was set to 10−6 eV/cell,
nd force components were relaxed to 10−4 eV/Å.

Mapping DFT energies to CE was performed using the ATAT pack-
ge [35,58–60]. As described in Ref. [14], for the fcc system, mapping
f the mixing enthalpies of 835 structures (including binary, ternary
nd quaternary) was performed to achieve the cross-validation score of
3 meV. The set of clusters, which have minimized the CVS, consists
f 6 two-body, 2 three-body and 1 four-body undecorated clusters.

For the bcc system, the final database consisted of 1062 structures
including binary, ternary and quaternary), and the CVS is equal to 19
eV. The set of clusters, which have minimized the CVS, consists of 8

wo-body, 1 three-body and 1 four-body undecorated clusters.
Compositions, for which DFT calculations were performed and later

sed in the CE model are illustrated in the Supplementary Material,
ig S1. Size 𝜔, label 𝑛, decoration (𝑠), multiplicity 𝑚(𝑠)

𝜔,𝑛, coordinates
f points and Effective Cluster Interactions 𝐽 (𝑠)

𝜔,𝑛 (in meV) of aforemen-
ioned clusters for bcc system are listed in the Supplementary Material,
ables S1–S2 and Fig. S2. Effective cluster interactions for fcc Cr–Fe–
n–Ni have been taken from our previous model and can be found in

able I in Ref. [14].
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Canonical MC simulations were also performed using the ATAT
package separately for fcc and bcc lattices, containing 2048 atoms in
the form of 8 × 8 × 8 fcc unit cells and 2000 atoms in the form of
0 × 10 × 10 bcc unit cells, respectively. For each composition, simula-
ions were performed starting from a disordered high-temperature state
t 𝑇 = 3000 K. The alloy was then cooled down with the temperature
tep of 𝛥𝑇 = 100 K, with 2000 equilibration and accumulation Monte
arlo passes. The aforementioned CVS can be converted into the errors
f MC simulations, being equal to 150 K and 220 K for fcc and bcc
odels, respectively.

.4. Experimental methods

Samples of three pseudobinary alloys [CrFeMn]100−𝑥Ni𝑥 with three
ifferent Ni concentrations, 𝑥 = 20, 25 and 35 at.%, and with other
lements kept equiatomic, were obtained by using arc-melting under
n argon atmosphere of elemental powders (Fe — Alfa Aesar 99.99%
urity, Ni — Sigma Aldrich 99.95%, Mn — Sigma Aldrich 99.95%, and
r — Alfa Aesar 99.99%,). Each ingot, of approximately 15 g mass, was
e-melted at least three times to assure higher homogeneity of chemical
omposition.

As cast samples were finally annealed at 1273 K for 48 h followed
y water quenching. Microstructure and phase composition of as-cast
nd annealed samples were characterized using electron backscatter
iffraction (EBSD) and scanning electron microscopy (SEM) combined
ith energy dispersive X-ray spectroscopy (EDS).

Samples for SEM observations were prepared with conventional
rinding with decreasing sand paper gradation and polishing mechan-
cally to a mirror-like surface. Directly before observations, samples
ere gently cleaned with a low-energy argon plasma to enhance the

ignal-to-noise ratio.
Microstructural observations were carried out with a Hitachi SU70

nalytical scanning electron microscope equipped with a field emission
un. EBSD maps were collected using Bruker e-flash HD detector. EBSD
ata post-processing was carried out with Channel 5 software. EDS data
rocessing was performed in Thermo Scientific’s dedicated software.
uantification of data was performed with standard procedures.

. Zero-temperature properties

Formation enthalpies for fcc and bcc binary systems computed using
FT at 0 K are presented in Fig. 1. Among six binary systems, only

n the Fe–Cr system are the bcc structures more stable than the fcc
tructures for the whole range of compositions. As shown in Fig. 1(a),
here exist structures with slightly negative formation enthalpies in the
e-rich region that were reported in the previous works [32,61,62].
here is also only one binary system, Mn–Ni, in which fcc phases are
ore stable for all compositions (see Fig. 1(f)). It should be noted that

he L10 MnNi structure is the most stable intermetallic phase in the Cr–
e–Mn–Ni system. For the remaining four binary systems, the convex
ulls for the fcc and bcc structures intersect, meaning that there exists
region where the fcc phase should be more stable than the bcc phase

nd vice versa. In practice, in all of those systems, there exist regions of
ossible coexistence of the fcc and bcc phases, which are indicated in
ig. 1(b)–(e) by black dashed lines. The regions of coexistence of bcc
nd fcc at 0 K with negative formation enthalpies are observed for two
ystems, where ground states are fcc for one element and bcc for the
ther one, namely Cr–Ni (Fig. 1(c)) and Fe–Ni (Fig. 1(e)). Such regions
re also present in ternary and quaternary alloys.

It should be noted that both fcc and bcc reference structures for
n do not have 𝐻𝑓𝑜𝑟𝑚 = 0, meaning that they are not ground states,

ee Fig. 1(b,d,f). The ground state for Mn is 𝛼-Mn, for which the unit
ell consists of 58 atoms with four crystallographically inequivalent
ites, each divided into two magnetically inequivalent sites, ordered
ntiferromagnetically. Since this is a complex phase, its stability is
imited to the Mn-rich region [63], which is out of the scope of the
5

urrent work. Further in the paper, fcc Mn is considered as a reference
or manganese.

Formation enthalpies for the whole bcc database, including ternary
nd quaternary structures, are presented in Supplementary Material,
ig. S1. Unlike for the fcc system, no stable ternary or quaternary
ntermetallic phases were found in the bcc Cr–Fe–Mn–Ni system from
ur DFT calculations. Stable intermetallic phases in fcc Cr–Fe–Mn–Ni
lloys are given in Table II of Ref. [14].

. Finite-temperature phase stability

In order to investigate the fcc-bcc phase stability of Cr–Fe–Mn–
i alloys at elevated temperatures, the effective cluster interactions

or the bcc system, described in the previous section, and for the fcc
ystem, described in Ref. [14], were applied in MC simulations for a
ompositional grid, where the concentration of each element is changed
n a step of 5 at.%, consisting of total 1767 compositions (excluding
our compositions that are pure elements).

.1. Fcc-bcc Gibbs free energy of formation difference

Gibbs free energies of formation were calculated based on formation
nthalpies from MC simulations and configurational entropies obtained
rom pair correlation functions, as described in Section 2.1. Addition-
lly, the magnetic and vibrational correction was applied to the fcc-bcc
𝑓𝑜𝑟𝑚 difference from Ref. [42], also described in Section 2.1.

The calculations of configurational entropies using the pair-wise
pproximation for the first nearest neighbors (1NN) from Eqs. (11)
nd (12) produce reasonable entropy values in the high-temperature
egion (see Fig. 2(a)), approaching ideal values (−𝑘𝐵

∑

𝑖 𝑐𝑖 ln 𝑐𝑖), but
ften underestimate the entropy values in the low-temperature limit,
here even negative values may be obtained [64]. Such negative values
f entropy arise from the presence of long-range ordered precipitates
orming in the alloy, for which, in practice, the entropy would be
ositive but low or close to zero. The thermodynamic integration
ethod, on the other hand, does not produce the unphysical negative

alues of entropy 𝑆𝑇𝐷𝐼
𝑐𝑜𝑛𝑓 at low temperatures approaching 0 K, however,

n the high temperature limit, TDI produces values of entropy that
eviate from ideal entropy, as discussed in Section 2.1. Moreover, TDI
s significantly more time-consuming and, as such, is not used in this
ork for the whole composition space of Fe–Cr–Mn–Ni alloy.

Contributions to 𝐺𝑓𝑜𝑟𝑚 are shown in Fig. S3(g,h) in Supplementary
aterial. The difference between 𝐺𝑓𝑐𝑐

𝑓𝑜𝑟𝑚 and 𝐺𝑏𝑐𝑐
𝑓𝑜𝑟𝑚 is shown in Fig. 2(b).

s can be seen in this figure, the difference in 𝐺𝑓𝑜𝑟𝑚 coming from
NN pair-wise approximation is close to 𝐺𝑓𝑜𝑟𝑚 calculated using TDI

at temperatures above ∼1100 K. When only positive values of 1NN
entropy are considered, and negative values are equated to zero (below
∼500 K), the difference of 𝐺𝑓𝑜𝑟𝑚 between fcc and bcc phases is again
similar for 1NN and TDI, unlike if no assumptions are made for negative
entropies (green line in Fig. 2(b)).

Since negative entropy values are observed at different temperatures
for fcc and bcc alloys of the same composition, the difference in
the intermediate temperatures region is non-systematic and unreliable.
Additionally, the Gibbs–Helmholtz relation, shown for equiatomic fcc
and bcc alloys in Fig. S3 along with its description in Supplementary
Material, also diverges in the intermediate temperatures region for
Gibbs free energies with entropy calculated from pair-wise approxi-
mation. In the near-equiatomic region, which is of the main interest
in this work, strong divergence, and fluctuations are observed for the
Gibbs–Helmholtz relation at temperatures below 900 K. Considering
these facts, the low-temperature results are unreliable with the error
value, which is hard to estimate. Therefore, further in the paper, the
analysis is performed for temperatures of 900 K and higher.

The effect of the correction 𝐺𝐹𝑒
𝑐𝑜𝑟𝑟, discussed at the end of Section 2.1

is also visible in Fig. 2: it increases the relative stability of fcc lattice (for
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Fig. 1. Enthalpies of formation computed using DFT for (a) Cr–Fe (b) Cr–Mn, (c) Cr–Ni, (d) Fe–Mn, (e) Fe–Ni and (f) Mn–Ni binary structures underlying fcc and bcc lattice. Blue
and red lines are the convex hull for the fcc and bcc systems, respectively. The black dashed lines join the most stable fcc and bcc structures and indicate the regions of possible
coexistence of fcc and bcc phases at 0 K. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

Fig. 2. (a) Configurational entropies calculated using the pairwise approximation for the first nearest neighbors, 𝑆1𝑁𝑁
𝑐𝑜𝑛𝑓 , and the thermodynamic integration method, 𝑆𝑇𝐷𝐼

𝑐𝑜𝑛𝑓 , for fcc
and bcc equiatomic Cr–Fe–Mn–Ni alloy and (b) the difference of Gibbs free energy of formation between fcc and bcc phases for equiatomic Cr–Fe–Mn–Ni alloy (𝐺𝑑𝑖𝑓𝑓 ). Negative
entropies in (a) are considered not physical, and as such, 𝑆1𝑁𝑁

𝑐𝑜𝑛𝑓 ,𝑝𝑜𝑠𝑖𝑡𝑖𝑣𝑒 are considered in the calculations of 𝐺𝑓𝑜𝑟𝑚. In (b), 𝐺1𝑁𝑁
𝑑𝑖𝑓𝑓 ,𝑝𝑜𝑠𝑖𝑡𝑖𝑣𝑒 is close to 𝐺𝑇𝐷𝐼

𝑑𝑖𝑓𝑓 at low and high temperatures
but not at intermediate temperatures. The effect of magnetic and vibrational correction for Fe, which helps to reproduce high-temperature 𝛾-phase, is also visible in (b).



Acta Materialia 255 (2023) 119047M. Fedorov et al.
Fig. 3. The fcc-bcc 𝐺𝑓𝑜𝑟𝑚 difference for the Cr–Fe–Mn–Ni alloys computed using (a,b) MC simulations and (c,d) TDB polynomials fitted on MC simulations at (a,c) 900 K and
(b,d) 1400 K, respectively; (e,f) the fraction of fcc phase obtained by using the OpenCalphad calculations using TDB based on MC simulations at (e) 900 K and (f) 1400 K.
compositions with Fe) at higher temperatures and decreases its stability
at lower temperatures.

In Fig. 3(a) and (b), there are shown the differences between the
Gibbs free energies of formation for fcc and bcc alloys at temperatures
900 K and 1400 K, respectively, for the whole range of compositions.
Values of differences between the Gibbs free energies of formation for
fcc and bcc alloys for the whole composition range and investigated
temperatures can be found in the accompanying dataset [65]. The fcc-
bcc 𝐺𝑓𝑜𝑟𝑚 differences have the most negative values for the Ni-rich
alloys and the most positive values for the Cr-rich alloys. In the near-
equiatomic region, the fcc-bcc 𝐺𝑓𝑜𝑟𝑚 difference becomes smaller with
the increase of temperature, but the fcc phase retains lower 𝐺𝑓𝑜𝑟𝑚
values compared to the bcc phase. As it was shown in Ref. [26], the
experimental results for Cr𝑥FeMnNi alloys (𝑥 = 0.8, 1.0, 1.2 and 1.5)
reveal that there is observed coexistence of two phases for a wide range
of compositions.

4.2. Coexistence of fcc and bcc phases

In order to study the coexistence of fcc and bcc phases and their
fractions in Cr–Fe–Mn–Ni alloys, we applied the method based on
the development of TDBs and their application in the OpenCalphad
calculations, described in Section 2.2.1.

The results of OpenCalphad calculations using TDB derived from
MC simulations generally agree with those obtained directly from MC
7

simulations (see Fig. 3(c,d)). In Fig. 4, there is shown a comparison
of Gibbs free energies of formation obtained using MC simulations
and OpenCalphad calculations at 900 K and 1900 K for Fe-Ni binary
system. While at high temperatures (Fig. 4(b)), where the alloy is
disordered, the Gibbs free energy of formation curves for fcc and bcc
alloys obtained using both methods are similar, at low temperatures
(Fig. 4(a)), where there is present the FeNi3 fcc intermetallic phase,
there is a discrepancy between MC and TDB fitted on MC data.

The difference between the results obtained using the OpenCalphad
calculations and MC simulations for the alloy compositions close to the
known intermetallic phases, where the Gibbs free energies of forma-
tions decrease due to short-range ordering, is systematic and can be
seen in other binary subsystems (see Supplementary Material, Fig. S4).
As it is shown in Fig. 4(a) and Fig. S4 in Supplementary Material,
the polynomials available in the sqs2tdb fitting cannot correctly
reproduce the shape of the Gibbs free energy of formation curves close
to the CrNi2, FeNi3, MnNi3 and MnNi phases, where the values from
OpenCalphad diverge from the values obtained using the output of MC
simulations. Since the same fitted polynomials describe the Gibbs free
energy of the whole composition range, the divergence is also observed
inside the four-component system, see Supplementary Material, Fig. S5.

As it was mentioned in Section 2.2, the equality of chemical poten-
tials in binary alloys can be estimated using common tangent construc-
tion, and a subsequent lever rule application allows one to calculate the
phase composition at any point in the temperature-composition space.
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Fig. 4. The comparison of Gibbs free energies of formation calculated from MC simulations and the OpenCalphad calculations using TDB based on MC simulations at 900 K and
1900 K for bcc and fcc Fe-Ni binary alloys.
The difference in the estimation of the fcc phase fraction using raw MC
output and calculated using fitted TDB for binary subsystems is shown
in Fig. S6 in Supplementary Material. On average, OpenCalphad tends
to underestimate the fraction of fcc phase in the alloy, and the root
mean square error of the fcc fraction obtained from the fitted model is
not higher than 4% above 1200 K (see Fig. S7 in the Supplementary
Material), which will be taken as the error margin in the estimation of
fcc fraction in the quaternary system.

As in the case of differences in 𝐺𝑓𝑜𝑟𝑚, there is a notable variation in
the results at two temperatures: 900 K and 1400 K, compare Fig. 3(e)
with Fig. 3(f). Apart from the fcc Ni-rich and bcc Cr-rich regions in
composition space, there are visible points with the coexistence of fcc
and bcc phase, which are located around the region where fcc-bcc
𝐺𝑓𝑜𝑟𝑚 difference is almost equal to zero, shown in Fig. 3(c) and (d).
Note that the atomic fraction of fcc and bcc phases was predicted by
simulations for 1767 alloy compositions in the whole concentration
range in the 5 at.% concentration mesh for the temperatures between
900 K and 1900 K. For the sake of clarity of presentation, the results
are shown only for 10 at.% concentration mesh. Atomic fraction of fcc
phase for all investigated temperatures and compositions is presented
in the accompanying dataset [dataset] [65]. Note also that further in
the text, an atomic fraction in theoretical results is simply referred to
as a fraction.

4.3. The influence of element concentration on phase stability

In order to understand the influence of the concentration of each
element on the fcc-bcc phase stability at the whole temperature range,
we studied the temperature dependence of the fcc fraction in pseudobi-
nary [ABC]100−𝑥D𝑥 alloys, where the concentration of one element, 𝑥,
was varying from 0% to 100% with 5% concentration step and the
concentrations of other elements were kept equiatomic.

The fcc fractions for pseudobinary alloys computed using the Open-
Calphad calculations using TDB based on MC simulations (described
in Section 2.2.1) are shown in Fig. 5(a)–(d). Similar to the Schaeffler
diagram for Fe–Cr–Ni steels [66], in the case of Cr–Fe–Mn–Ni alloys,
our results show an effect of stabilization of fcc and bcc phases by Ni
and Cr, respectively, see 5(a,d).

According to our calculations, and taking into account error margin
of 4% coming from MC to TDB fitting, the single fcc phase is fully stable
in the considered range of temperatures for alloys with Cr content with
10 at.% Cr and lower, see Fig. 5(a). For alloys with Cr concentration
higher than 90 at.% Cr above 900 K, single bcc phase is stable.

In contrary to Cr, Ni is a fcc phase stabilizer and the fcc phase is
stable for the pseudobinary alloys with Ni content higher than 55 at.%
at 1000 K and above, see Fig. 5(d). The fcc phase is dominant in the
rest of Ni pseudobinary alloys.
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As shown in Fig. 5(b), similarly to pure Fe, the fcc fraction of Fe-
rich alloys is strongly dependent on temperature. The bcc fraction is
dominant at lower temperatures, e.g., below 1100 K for the pseudobi-
nary alloys with more than 90 at.% Fe, whereas at higher temperatures,
the fcc phase becomes stable. The fcc-bcc phase transition temperature
decreases with a decrease of Fe content. At the temperatures above
1700 K, the bcc iron becomes stable again. Between 1100 K and 1800 K
for Fe concentrations of 50–90 at.%, single fcc phase region is observed.

The influence of Mn on the relative fcc-bcc phase stability of
[CrFeNi]100−𝑥Mn𝑥 pseudobinary alloys is shown in Fig. 5(c). The in-
vestigation of that effect is potentially important for the design of
Cr–Fe–Mn–Ni-based high-entropy alloys since those materials contain a
significantly higher concentration of Mn than austenitic steels. Interest-
ingly enough, the fcc phase is dominant for the whole Mn pseudobinary
alloy. It should be noted that since 𝛼-Mn GS phase is not considered in
this work, the phase of the structures in the Mn-rich region is not likely
to be fcc, but rather 𝛼-Mn solid solution.

5. Experimental validation of the model

In order to validate the models, we compared the results of fcc-bcc
phase stability of Cr–Fe–Mn–Ni alloys computed using DFT-based MC
simulations with the experimental results available in the literature as
well as those performed within this work.

5.1. Comparison with the experimental data from previous works

In Table 1, there are presented phase compositions of alloys in-
vestigated experimentally in Refs. [10,15,17,21–23,26,27,29] and com-
pared with theoretical results obtained using the OpenCalphad method
described in Section 2.2.1, which is based on DFT-based MC sim-
ulations. The results of MC simulations are given for temperatures
corresponding to the annealing temperature of the considered exper-
imental samples. As shown in Table 1, the fraction of the fcc phase
obtained using the OpenCalphad method shows the same trend as
the data from experimental observations. In particular, this theoretical
model predicts no fraction of bcc phase for the alloy compositions
characterized experimentally as single fcc phase from Refs. [15,22]
and Cr4Fe40Mn28Ni28 alloy from Ref. [23], as well as predicts values
within error margins of single fcc phase for alloys with 35 at.% Fe
from Ref. [21] and Cr12Fe40Mn28Ni20 alloy from Ref. [23]. For the rest
of the structures, the fcc percentage values predicted by the OpenCal-
phad model are underestimated compared to the experimental data,
as discussed in Section 4.2. However, the trends generally agree with
the experimental sets of data from various works, e.g., our model (1)
predicts the decrease of stability of the fcc phase with the increase of Cr
content in the alloy reported in Ref. [26]; predicts on average higher fcc
fractions for alloy compositions that were reported as single fcc phase
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Fig. 5. Temperature-composition heatmaps showing fcc fraction in the Cr–Fe–Mn–Ni alloys according to the OpenCalphad calculations using TDB based on MC simulations as a
function of temperature and composition of [ABC]100−𝑥D𝑥 pseudobinary alloys for D being (a) Cr, (b) Fe, (c) Mn and (d) Ni. In order to improve the readability of the figure,
100% fcc is marked with filled circles (∙), and 0% fcc is marked with open circles (◦).
Table 1
Comparison of percentage of fcc phase [in %] for the alloys in the Cr–Fe–Mn–Ni system given in the literature with the values obtained using
OpenCalphad calculations with TDB based on the results of MC simulations (MC+TDB), described in Section 2.2.1. For the samples that were
heat-treated at different temperatures, phase composition are presented for the temperature of MC simulations performed with 100 K step close
to the temperature of the final heat treatment, shown in the last column [in K]. ‘‘<100’’ means that the experiment shows the coexistence of
fcc phase with another phase, but the fcc fraction was not provided in the reference.
Composition Treatment Expt. MC+TDB T

Cr12Fe64Mn12Ni12
[15]

homogenized at 1473 K 10 h,
air-cooled, cold-rolled (50%),
annealed at 1273 K for 1 h

100 100 1300
Cr12Fe60Mn16Ni12 100 100 1300
Cr12Fe56Mn20Ni12 100 100 1300

Cr18Fe29Mn23Ni30 [17] homogenized at 1473 K 18 h, quenched 100 91 1500

Cr20Fe35Mn0Ni45

[21]
annealed at 1373 K 24 h, cold-rolled
(80%), annealed at 1173 K 1 h,
gas-quenched

100 97 1200
Cr20Fe30Mn5Ni45 100 95 1200
Cr20Fe35Mn5Ni40 100 96 1200
Cr20Fe30Mn10Ni40 100 94 1200

Cr13Fe50Mn27Ni10 [22] cold-rolled, annealed at 1173 K 1 h 100 95 1200

Cr4Fe40Mn28Ni28

[23]
homogenized at 1273 K 24 h,
cold-rolled (80%), annealed at
1123 K 30m

100 100 1100
Cr12Fe40Mn28Ni20 100 97 1100
Cr18Fe40Mn28Ni14 100 87 1100
Cr24Fe40Mn28Ni8 <100 76 1100

Cr21Fe26Mn26Ni26

[26] homogenized at 1473 K 6 h, forged,
annealed at 1073 K 1 h

100 86 1100
Cr25Fe25Mn25Ni25 99 82 1100
Cr29Fe24Mn24Ni24 91 77 1100
Cr33Fe22Mn22Ni22 77 72 1100

Cr20Fe35Mn10Ni35 [27] water-cooled, homogenized at 1273 K 12 h,
water-cooled

100 95 1300

Cr18Fe27Mn27Ni28 [10] homogenized at 1473 K for 48 h, cold rolled,
recrystallized at 1173 K for 4 h

100 90 1200

Cr37Fe33Mn12Ni19

[29]

homogenized in a water-cooled
vacuum furnace (base pressure ∼10−6

torr) at 1273 K for 24 h followed by
furnace cooling to room temperature
at an average cooling rate of
approximately 1 K/s

<100 71 1300
Cr42Fe17Mn20Ni22 <100 61 1300
Cr36Fe13Mn12Ni40 <100 74 1300
Cr21Fe35Mn24Ni20 100 88 1300
Cr19Fe31Mn11Ni38 100 95 1300
Cr25Fe14Mn24Ni38 100 81 1300
Cr23Fe26Mn19Ni32 100 86 1300
Cr33Fe15Mn20Ni32 <100 73 1300
Cr25Fe29Mn16Ni30 <100 85 1300
Cr31Fe27Mn22Ni21 <100 74 1300
9
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Fig. 6. The results of EBSD characterization of the (a–c) as-cast and (d–f) annealed samples of alloys with (a,d) 20, (b,e) 25 and (c,f) 35 at.% Ni. Green, red and gray colors
indicate the fcc, bcc and 𝜎 phases, respectively. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)
in experimental investigation from Ref. [29] and lower fractions for
the multiphase alloy compositions from the same work. It should be
noted that another potential source of the difference in the predicted
and experimental results can be the relatively short annealing time in
experiments that might not be enough to reach the thermodynamic
equilibrium state simulated using the exchange MC simulations, to
which the thermodynamic database was fitted.

5.2. Comparison with the experiments performed within this work

Since Ni is the main fcc stabilizer and, as was shown in Ref. [14],
it has the most prominent impact on the order–disorder transition
temperature, we performed additional experiments in this work on
[CrFeMn]100−𝑥Ni𝑥 pseudobinary alloys in order to improve the un-
derstanding of the effect of Ni on the phase stability of the Cr–Fe–
Mn–Ni alloys and to validate our model. We focused attention on
three Ni concentrations: 20, 25 and 35 at. % Ni, with other elements
kept equiatomic. Samples of respective alloys were synthesized us-
ing arc-melting and annealed at 1273 K for 48 h, as described in
Section 2.4.

Results of EBSD characterization of as-cast and annealed samples
are shown in Fig. 6. It can be noted that in the case of as-cast samples,
a two-phase structure with fcc and bcc phases is observed only for
[CrFeMn]80Ni20 alloy, see Fig. 6(a). For higher concentrations of Ni (25
and 35 at. %), a single fcc phase is observed – Fig. 6(b) and (c). Thus,
contrary to results reported in Refs. [18,19,24,26], no decomposition of
the as-cast equiatomic fcc Cr–Fe–Mn–Ni alloy into bcc or 𝜎 phases. On
the other hand, such a decomposition is visible in the EBSD patterns
for the annealed sample of equiatomic alloy. It is worth noting that
there is a coexistence of three phases, namely fcc, bcc and 𝜎 phase.
The presence of the 𝜎 phase within the fcc high entropy alloys with Cr-
Fe, Cr-Mn subsystems and ternary Cr-Fe-Mn one [67,68] was reported
recently in Refs. [3,69–71]. In the Cantor alloy, the 𝜎 phase is found to
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be significantly enriched with Cr, and also contained some Mn, Fe and
Co, while the concentration of Ni was very low. The crystal structure
of this phase was found to be tetragonal, with lattice parameters of
𝑎 ≈ 8.8 Å and 𝑐 ≈ 4.5 Å [69], consistent with the well-known 𝜎 phase in
Cr–Fe binary (𝑎 = 8.799 Å and 𝑐 = 4.546 Å) [72]. The latter is related to
the A2 (bcc solid solution) kinetic phase transformation from the high-
temperature phase [73]. Analyzing the results of EBSD, SEM and EDS
investigations, it can be concluded that in the case of alloy with 20 at. %
Ni, the bcc phase observed in the as-cast sample is transformed into
the 𝜎 phase by annealing applied to as-cast samples, compare Fig. 6(a)
and (d). The [CrFeMn]65Ni35 alloy is a single fcc phase both for the
as-cast sample as well as the annealed sample.

The area fractions of fcc, bcc and 𝜎 phase in the as-cast and
annealed samples of Cr–Fe–Mn–Ni alloy are summarized in Table 2 and
compared with theoretical results obtained using the method described
in Section 2.2.1. Since we were not able to determine reference tem-
perature for as-cast samples, unlike in the post-casting annealing, the
experimental data are compared with the results computed using both
methods for temperatures between 1000 K and 1400 K.

In agreement with the results from EBSD characterization, the low-
est fraction of the fcc phase obtained from our theoretical method
is observed for the alloy with 20 at. % Ni. The theoretical values
derived using OpenCalphad based on the results of MC simulations
agree with experimental results for the as-cast sample and are slightly
overestimated for the annealed sample. For the equiatomic alloy, an
increase of fcc fraction compared to the [CrFeMn]80Ni20 alloy is ob-
served, however, the phase composition is not the single fcc phase for
most temperatures analyzed, see Fig. 5(d). It may suggest that the as-
cast sample of alloy characterized as a single fcc phase is probably not
in a thermodynamic equilibrium state. This is confirmed by the EBSD
result for the sample of equiatomic alloy annealed at 1273 K for 48 h,
for which the fcc fraction is 87.5% which is close to the OpenCalphad
estimates, latter providing fcc fraction equal to 81%, which is expected
to be an underestimation. The fraction of fcc phase for the alloy with
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Table 2
The area fractions of phases [in %] measured using EBSD and their average com-
positions measured using EDS for the as-cast and annealed samples of considered
alloys compared with the atomic fractions of fcc and bcc phases obtained using the
OpenCalphad calculations with TDB based on the results of MC simulations (MC+TDB),
described in Section 2.2.1. Since the temperature related to the as-cast state is unknown,
the experimental data are compared with the MC+TDB results for the range of
temperatures between 1000 K and 1400 K, inclusively, and the data is presented not
for the endpoints but for minimum and maximum values observed in this range.

Target composition Experiment MC+TDB

Composition Phase % Phase %

As-cast (MC @ 1000–1400 K)
[𝐶𝑟𝐹𝑒𝑀𝑛]80𝑁𝑖20 Cr20.8Fe23.8Mn31.3Ni24.7 77.5 fcc 77–78 fcc

Cr33.6Fe28.6Mn23.5Ni14.3 21.8 bcc 22–23 bcc
[𝐶𝑟𝐹𝑒𝑀𝑛]75𝑁𝑖25 Cr23.1Fe26.7Mn24.2Ni24.1 100 fcc 80–82 fcc

18–20 bcc
[𝐶𝑟𝐹𝑒𝑀𝑛]65𝑁𝑖35 Cr21.2Fe20.4Mn22.6Ni35.8 100 fcc 86–87 fcc

13–14 bcc

Annealed (Expt. @ 1273 K, MC @ 1300 K)
[𝐶𝑟𝐹𝑒𝑀𝑛]80𝑁𝑖20 Cr20.1Fe27.1Mn28.6Ni24.1 75 fcc 77 fcc

Cr40.9Fe27.2Mn21.5Ni10.5 23.8 𝜎 23 bcc
[𝐶𝑟𝐹𝑒𝑀𝑛]75𝑁𝑖25 Cr21.3Fe25.9Mn26.1Ni26.7 87.5 fcc 81 fcc

Cr43.4Fe26.0Mn18.9Ni11.8 10.4 𝜎 19 bcc
Cr79.9Fe7.0Mn9.6Ni3.6 1.53 bcc

[𝐶𝑟𝐹𝑒𝑀𝑛]65𝑁𝑖35 Cr21.3Fe21.9Mn22.0Ni34.8 99.6 fcc 87 fcc
13 bcc

35 at.% Ni is 100% for the as-cast and 99.6% for the annealed sample,
while the results computed using the OpenCalphad method based on
the results of MC simulations gives underestimated values of 86–87%.

The results of SEM combined with EDS investigations show that
multi-phase alloys of fcc, bcc and phases are decomposed usually into
the Ni-rich fcc regions and the Cr-rich regions of the bcc or 𝜎 phase.

s shown in Fig. 7(a)–(f), the Cr-rich regions are usually depleted of Ni
nd vice versa. Mn and Fe are distributed much more uniformly in the
nvestigated alloys, however, their concentrations are, in general, more
orrelated with the presence of Ni, see Fig. 7(g)–(l).

As shown in Table 2, the composition of the 𝜎 phase, measured
sing EDS, is similar for both samples where it exists, namely for
he annealed samples with Ni concentrations equal to 20% and 25%.
he average concentrations of Cr and Fe are slightly higher than 40
t. % and 25 at. %, respectively, and the concentrations of Mn and Ni
re approximately 20 at. % and 10 at. %, respectively. The average
ompositions of the fcc and bcc phases vary depending on the nominal
omposition of the alloy and depending on whether the sample was
nnealed or not. However, for all the considered alloy compositions, the
verage concentration of Cr in the fcc phase is smaller than 23.1 at. %
nd 21.3 at. % for the as-cast and annealed samples, respectively. For
he case of the bcc phase, the difference between the phase composi-
ion for the as-cast [FeCrMn]80Ni20 and the annealed [FeCrMn]75Ni25
ample is notable. The average concentration of Cr in the latter one is
pproximately 80 at. % and it is more than two times larger than the
alue measured for the former one. As a consequence, the concentration
f other elements in the annealed [FeCrMn]75Ni25 sample is small
ith only 3.6 at. % Ni, whereas their concentrations in the as-cast

FeCrMn]80Ni20 sample is closer to the nominal concentration with a
decrease concentration of Ni equal to 14.3 at. %.

6. Prediction of new single fcc phases

As was shown in the previous sections, the OpenCalphad calcula-
tions using TDBs fitted on results of DFT-based MC simulations enable
an understanding of the influence of concentrations of constituent ele-
ments on the fcc-bcc phase stability of Cr–Fe–Mn–Ni alloys. Moreover,
the OpenCalphad calculations can be applied to design new near-
equiatomic compositions of high-entropy alloys for which the stability
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of a single fcc phase will be maintained for a relatively wide range of
temperatures. Since the method based on the development of thermo-
dynamic databases and the application of the OpenCalphad calculations
underestimate the stability of the fcc phase not in a systematic manner,
a safe error margin for selecting alloys with a single fcc phase is an
error margin from binary system predictions equal to 4% (described
in Section 4.2).

In Fig. 8, fcc fractions are shown as a temperature function for the
alloy compositions, for which the fcc phase is fully stable (within error
margin) at temperatures above 1000 K and are located in the near-
equiatomic region, more specifically, for which the concentrations of
each element, 𝑥, lie within the range 35 ≥ 𝑥 ≥ 10 at. %, and min
and max range limits each may be reached only by one element. The
alloy with the composition of ORNL sample, Cr18Fe28Mn26Ni28, is also
presented in the figure for reference, as this alloy has been reported
to have single fcc phase in Ref. [10] and later shown to possess high
irradiation resistance. In line with the knowledge that Ni and Cr are
the fcc and bcc stabilizers, respectively, in the near-equiatomic region
there is only one composition with 25 at.% Ni – others having higher
nickel concentration –, and the concentrations of Cr is not higher than
15 at.%. Fe and Mn concentrations lie in the range 25–35 at.%. Among
the presented alloys, Cr10Fe35Mn25Ni30 possesses single fcc phase in
the 1000–1900 K temperature region. This alloy, as compared to the
ORNL alloy, has decreased concentration of Cr and Mn – 8 and 2 at.%,
respectively, which are traded for the increased concentrations of 8 and
2 at.% of Fe and Ni, respectively.

7. Conclusions

• The cluster expansion model developed for bcc Cr–Fe–Mn–Ni
alloys parametrized based on parameters determined from density
functional theory (DFT) calculations and the application of the
fcc model for these alloys from Ref. [14] enabled to investigate
relative phase stability of fcc and bcc phases in Cr–Fe–Mn–Ni
alloys using Monte Carlo (MC) simulations and OpenCalphad
calculations using the thermodynamic databases (TDBs), fitted to
the excess Gibbs free energies obtained in the MC simulations.

• The differences between the Gibbs free energies of the formation
of fcc and bcc alloys are the most negative for Ni-rich alloys and
the most positive for Cr-rich alloys.

• The coexistence of the fcc and bcc phases as well as estimates
of fractions of both phases in Cr–Fe–Mn–Ni alloys were studied
using the method based on the development of TDBs derived
from MC simulations and their application in the OpenCalphad
calculations.

• The values of fcc phase percentage obtained using OpenCal-
phad calculations based on TDBs from MC simulations are usu-
ally underestimated in comparison with the experimental results
reported in the literature and performed in this work.

• The coexistence of the fcc and bcc phases is predicted for a relat-
ively wide range of compositions and temperatures. The coexist-
ence of two phases is observed in the pseudobinary [FeMnNi]100−𝑥
Cr𝑥 alloys for concentrations between 10 and 95 at.% Cr whereas
in the [CrFeMn]100−𝑥Ni𝑥 alloys for Ni concentration smaller than
60 at.%.

• The present study shows that the fcc phase is found to be domi-
nant for the pseudobinary alloy [CrFeNi]1−𝑥Mn𝑥 with all consid-
ered Mn concentrations and temperatures.

• The fcc fractions computed using OpenCalphad calculations for
the alloy with 20 at.% Ni are generally in line with the values
measured using EBSD for the as-cast and annealed sample.

• The OpenCalphad calculations for the equiatomic alloy revealed
no single fcc phase region for all of the temperatures considered.
It agrees with the EBSD characterization for the annealed sample,
but disagrees with the results for the as-cast samples. It may sug-
gest that the as-cast sample is not in a thermodynamic equilibrium
state.
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Fig. 7. EDS mapping of (a–c) Cr, (d–f) Ni, (g–i) Mn and (j–l) Fe for the annealed samples of alloys with (a,d,g,j) 20, (b,e,h,k) 25 and (c,f,i,l) 35 at.% Ni.
• During post-casting annealing, the bcc phase observed in the as-
cast samples of alloys is transformed (or partially transformed)
into the sigma phase while the fraction of the fcc phase is not
significantly changed.

• The DFT-based MC simulations combined with the TDB fitting
and OpenCalphad calculations enabled to propose the near-
equiatomic alloy compositions that are single fcc phase for a wide
range of temperatures, which might be potentially interesting
for further research. Among them, Cr10Fe35Mn25Ni30 possesses
the fcc phase percentage equal to 100% in the whole considered
range of temperatures.
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